Fuel cells convert chemical energy directly into electrical energy with high efficiencies and environmental benefits, as compared with traditional heat engines 1-4 . Yttria-stabilized zirconia is perhaps the material with the most potential as an electrolyte in solid oxide fuel cells (SOFCs), owing to its stability and nearunity ionic transference number 5 . Although there exist materials with superior ionic conductivity, they are often limited by their ability to suppress electronic leakage when exposed to the reducing environment at the fuel interface. Such electronic leakage reduces fuel cell power output and the associated chemo-mechanical stresses can also lead to catastrophic fracture of electrolyte membranes 6 . Here we depart from traditional electrolyte design that relies on cation substitution to sustain ionic conduction. Instead, we use a perovskite nickelate as an electrolyte with high initial ionic and electronic conductivity. Since many such oxides are also correlated electron systems, we can suppress the electronic conduction through a filling-controlled Mott transition induced by spontaneous hydrogen incorporation. Using such a nickelate as the electrolyte in free-standing membrane geometry, we demonstrate a low-temperature micro-fabricated SOFC with high performance. The ionic conductivity of the nickelate perovskite is comparable to the best-performing solid electrolytes in the same temperature range, with a very low activation energy. The results present a design strategy for high-performance materials exhibiting emergent properties arising from strong electron correlations.
7
. In perovskite oxides, protons can form ionic defects ( · OH O in Kröger-Vink notation) by bonding with oxygen 8 , and diffuse through a Grotthuss mechanism that involves the fast rotational diffusion of the protonic defects and the rate-limiting proton transfer to the neighbouring oxygen ions 8, 9 . The transition states of the proton rotation and proton transfer require local lattice distortions such as elongation and bending of the B-O bond, respectively 10, 11 . The schematic of proton incorporation and diffusion processes for a cubic perovskite is shown in Fig. 1b with the following processes: (i) proton incorporation, (ii) rotational diffusion, (iii) transfer to neighbouring oxygen, (iv) bending and (v) elongation of the B-O bond. In SNO, proton incorporation and diffusion happen in a similar way, albeit with several different characteristics, as will be discussed in more detail later (Fig. 1c) .
In the low-temperature fuel cell operation range (300-500 °C), stoichiometric SNO shows metallic conductivity with an electrical resistivity of ~1 mΩ cm, which is detrimental to electrolyte applications. The high electronic conductivity is due to single electron occupancy on the fourfold degenerate e g manifold (including spin) on Ni 3+ , as shown in Fig. 1d O ), however, electronic transport through the e g 2 manifold will be suppressed by the Hubbard intra-orbital electron-electron Coulomb interaction U (Fig. 1e) . Such filling-controlled Mott transitions enable the application of hydrogenated SNO as an electrolyte, owing to its wide electronic bandgap 12 , which is close to the Ni intra-orbital Coulomb repulsion and large enough to suppress electronic conductivity 13 . Spontaneous incorporation of protons into SNO upon hydrogen exposure without any electrical bias at low temperatures can be seen in Extended Data Fig. 2 . This is unlike typical perovskite proton conductors such as yttrium-doped BaCeO 3 and BaZrO 3 , where subvalent cations are needed as substitutional acceptors to facilitate the hydrogenincorporation process (Fig. 1b) . Therefore the concentration of protons in SNO may not be limited by the oxygen vacancy concentration, as commonly noted in acceptor-doped electrolytes. The electronic transport mechanism in H-SNO is characterized by the EfrosShklovskii variable range hopping mechanism, in which small polarons form because of strong electron-lattice coupling in the presence of a Coulomb gap (Extended Data Fig. 1c-e) . Figure 1f illustrates how this collective quantum mechanical effect enables the electrolyte design. Initially no power output is extracted from the SNO-electrolyte fuel cell because of the high electronic conductivity in pristine SNO. When the hydrogen fuel is introduced at the anode (catalytic Pt or Pd), hydrogen molecules dissociate into protons and donate electrons to Ni(iii) in SNO at the triple phase boundaries. The hydrogenation process creates an electrically insulating H-SNO on the anode side. Once this insulating layer is formed, as long as hydrogen fuel is supplied, protons can continue to diffuse under the chemical potential gradient, while the electron transport through H-SNO directly to the cathode is strongly suppressed by carrier localization. As a result, electrons are forced to pass through the external circuit and generate electrical power.
The time evolution of the open-circuit voltage (OCV) in a micro-fabricated SOFC with a free-standing SNO membrane (see Extended Data Figs 3 and 4 for the device structure and fabrication) as the electrolyte verifies the above mechanism (Extended Data Fig. 5a ). Initially there is no OCV as the cell is electrically shorted by pristine SNO. The OCV increases under continuous hydrogen flow after the temperature becomes stabilized, as the H-SNO phase forms on the anode side, and reaches a stable output when the stationary state is reached. The current-voltage characteristics of the microfabricated SOFCs (Fig. 2a) exhibit typical activation polarization, ohmic loss and concentration polarization behaviour, and the power output reaches a maximum value of 225 mW cm −2 at 500 °C, which is comparable to the best-performing proton conducting fuel cells (ref. 14 and references therein). The highest OCV achieved (1.03 V) is close to the Nernst potential (~1.07 V), showing that the ionic transference number is close to unity, with the electronic conduction almost completely suppressed. The deviation of OCV from the Nernst potential in general could be related to gas leakage and residual electronic conductivity. The ionic transference number of H-SNO at 500 °C is estimated to be 0.96 using the standard electromotive force method. Because there is a small yet finite current inside the fuel cells through the electrolyte under the OCV condition, the electrode polarization loss (in addition to ohmic loss) may contribute to the deviation of the measured OCV from the ideal value. Therefore, a method that considers the polarization loss may also be used to evaluate the ionic transference number 15, 16 (Extended Data  Fig. 5b ). Increasing the electrolyte thickness typically enhances the measured OCV, possibly owing to the reduced possibilities of pinholes in the membrane and a decrease in the relative ratio between electrode polarization and electrolyte resistance (see Extended Data Fig. 6a and additional discussions in the Supplementary Information).
H-SNO fuel cells with dense Pd anodes also produce power output, indicating that protons rather than oxygen ions are the dominant mobile ion species in the material (Extended Data Fig. 6b ). In addition, these fuel cells can also work under pure H 2 and are stable over tens of hours (Extended Data Figs 6b and 7) . The Nyquist plot of the cell under OCV conditions measured at 500 °C is shown in Fig. 2b . The extrapolated area specific resistance of H-SNO, one of the key performance metrics, is remarkably low: 0.045 Ω cm 2 at 500 °C, which is less than one-third of the general target value (0.15 Ω cm 2 ) for the area specific resistance of an oxide electrolyte 17 . The Nyquist plot can be modelled by an equivalent circuit with an ohmic resistor, R Ohm , and serial elements each consisting of a resistor, R i (i = 1, 2, 3), and a constant phase element, CPE i (i = 1, 2, 3), as summarized in Supplementary Table 1 . The three semicircles in the Nyquist plot originate from the electric double-layer capacitance at the anode and cathode, and the pseudocapacitance related to hydrogen incorporation in SNO (see the footnote to Supplementary Table 1 ). Figure 2c shows the ionic conductivity (calculated by the electromotive force method) of H-SNO measured from free-standing Pt/H-SNO/Pt micro-fabricated SOFCs and H-SNO epitaxial films on LaAlO 3 (LAO) (001) (indexed in pseudocubic notation), compared with several other best-performing oxygen-ion-conducting and proton-conducting electrolyte materials [17] [18] [19] [20] [21] . SNO has a high ionic conductivity with low activation energy (~0.3 eV, similar to solid acid protonic conductors 22 ), making it especially suitable for lowtemperature SOFC applications 3 . The difference in the ionic conductivity measured from epitaxial thin films and membranes could be related to contributions from grain boundaries 20, 23 . Grain boundaries may not only decrease proton mobility by scattering and trapping, but may also reduce the proton concentration proximal to the boundaries by creating space charge layers. Therefore the total ionic resistance of polycrystalline samples can be larger than that of the epitaxial films.
Several factors may collectively lead to the high ionic conductivity with low activation energy in SNO. First, it has been found that in RNO, Ni forms a covalent bond with O in a mixed electron configuration of 3d 7 and 3d 8 L (where L denotes a ligand hole on O 2p) (ref. 24) . The covalence reduces the effective charge on oxygen and therefore the bonding strength between the oxygen ion and the proton, which lowers the proton transfer activation energy (Fig. 1c) . Additionally, the proton transport barrier in perovskites with a tetravalent B-site (A(ii)-B(iv)) is in general much smaller than the ones with a pentavalent B-site (A(i)-B(v)) 25 . It has been suggested that A(iii)-B(iii) perovskites may have even higher ionic conductivity 25 . This may be explained by the weaker repulsion between B-site ions and protons in A(iii)-B(iii) perovskites, which reduces the energy of the proton in its transition state. Finally, as the transition states of the proton rotation and proton transfer require local lattice distortions such as elongation and bending of the B-O bond, respectively 10, 11 , the relative low energy of the Ni-O bending and stretching modes in SNO (~35 meV and 75 meV, respectively 26 ) can also contribute to lowering the proton transport barrier.
To confirm the electron localization mechanism during fuel cell operation and to reveal the underlying reasons for the high ionic conductivity, both chemical and structural characterizations of the SNO hydrogenation process were performed. Ex situ X-ray absorption near-edge spectroscopy (XANES) measurements of the nickel K-edge from a pristine and a hydrogenated SNO sample are shown in Fig. 3a , as well as that from a reference nickel metal sample used for energy calibration. Several features are present in the spectra of SNO and H-SNO. The pre-edge feature, A, originates from the dipolar transition between Ni 1s and Ni 3d-O 2p hybridized 3d 8 L, and points to the covalent nature of the Ni-O bond 27 . Features B, D and E are derived from the first oxygen coordination shell, while C and C′ originate from the second shell of the rare-earth ions 27 . (ii) and (iii), Proton transport by rotational diffusion within an octahedron (ii) and transfer to a neighbouring oxygen ion facilitated by the hydrogen bond (dashed red line) (iii). (iv) and (v), The bending (iv) and the stretching (v) of the metal-oxygen bond promote processes (iii) and (ii), respectively. In conventional electrolytes, substitutional sub-valent cations, M, are needed to facilitate the hydrogen incorporation. In SNO, proton incorporation can happen spontaneously. The ligand holes in SNO reduce the effective charge of the oxygen ions (only two of them are explicitly shown). d, e, The electronic configuration of Ni 3d orbitals for the pristine (d) and the electron-doped (e) SNO in the ionic limit. Electronic transport is suppressed by the on-site electron-electron correlation U upon electron doping (e). f, A schematic of a SNO-electrolyte SOFC and its operation mechanism. Spontaneous hydrogen incorporation creates a strongly correlated insulating layer and suppresses the electronic current. TPB, triple phase boundary. H-SNO SNO
A substantial shift of the absorption edge to a lower energy is observed upon hydrogenation. The energies of the absorption edge and other features are consistent with those of Ni(iii) in RNO 28 . From the inflection point in the first derivative of the absorption (Fig. 3b) , the chemical shift from SNO to H-SNO is determined to be ~2.0 eV. A linear relation between the absorption edge and the formal valence state has been previously noted with a slope from ~1.5 eV per electron to ~2.8 eV per electron [28] [29] [30] . The absorption inflection point, however, depends on both the Ni valence state and the atomic arrangement around Ni. In this study, the valence change is the primary factor leading to the absorption edge shift, and the Ni valence state change is close to −1, suggesting high proton concentration in H-SNO without introducing impurity dopants. The change of Ni valence state verifies that hydrogen exists as protons in H-SNO, because it is more favourable for Ni to accept an electron from hydrogen rather than from O 2− and Sm 3+ ions when changing from SmNi(iii)O 3 and H-SmNi(ii)O 3 . The angle-resolved XANES spectra show that the proton incorporation not only happens at the surface but also through the thickness of the films (Extended Data Fig. 8 ). In addition, the decrease in the white line intensity suggests an overall decrease in the hole density on Ni after hydrogenation.
The intensity of the pre-edge feature A, offset with respect to feature B by ~14.4 eV, represents the density of the 3d 8 L state in the ground state and decreases upon hydrogenation (inset of Fig. 3a) , which shows that the doped electrons partially fill the ligand holes. Following the analysis in ref. 27 , we find the pristine ground state to be ~0.5|3d
7 〉 + 0.5|3d 8 L〉, and estimate that the concentration of ligand holes decreases by ~50% after the hydrogenation. This verifies that ligand holes are present on oxygen ions in both SNO and H-SNO, which helps to reduce the proton transfer activation energy. Figure 3c shows the representative in situ XANES spectra during the hydrogenation process. The chemical shift is smaller than those of the ex situ experiments owing to the lower operation temperature limited by the apparatus. The dynamic change in the absorption edge (inset of Fig. 3c) shows that the average valence state reaches equilibrium in ~30 min at 200 °C. Synchrotron X-ray diffraction studies (Extended Data Figs 9 and 10) suggest that the SNO lattice expands during hydrogenation, which may lead to a change in the relative rate of inter-and intra-octahedron proton transfer 9 and the lattice open volume, and therefore modify the long-range proton transport properties. 
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Micro-fabricated SOFC. 4-inch-diameter, 525-μm-thick Si (100) wafers coated with 200 nm Si 3 N 4 on both sides were used as substrates for micro-fabrication of an SOFC. One side of the wafer was patterned with photolithography to define silicon nitride areas uncovered by photoresist. Then the uncovered silicon nitride was removed by reactive ion etching in CF 4 and O 2 . Afterwards, the exposed Si was etched with a 30 wt% KOH aqueous solution at 86 °C for ~5 h to leave a 160 × 160 μm 2 free-standing Si 3 N 4 membrane. After KOH etching, the 4-inch wafers were cut into 1 × 1 cm 2 chips, with nine windows on each of the chips. SNO electrolyte films with thicknesses ranging from 50 nm to 1.5 μm were deposited onto the silicon nitride membranes by radio-frequency magnetron sputtering in an Ar/O 2 mixture at a total pressure of 5 mTorr, either from a ceramic SNO target, or from two metallic Ni and Sm targets. For films sputtered from metal targets, the chips were annealed under 100 bar of pure O 2 at 500 °C for 24 h so that SNO would form the perovskite phase after annealing. The growth rate of SNO was calibrated by X-ray reflectivity, cross-section transmission electron microscopy and scanning electron microscopy. The Sm:Ni cation ratio was determined by energy-dispersive X-ray spectroscopy. Then, the Pt cathode was deposited by magnetron sputtering in pure Ar at a total pressure of 75 mTorr, which yields a porous Pt layer to increase the size of the triple phase boundaries on the anode and cathode side. The Si 3 N 4 layer on the backside was removed by reactive ion etching in CF 4 and O 2 . Finally, a Pt anode layer was deposited into the Si well side using sputtering under the same conditions as for the cathode. Dense palladium films of thickness 100-200 nm were also used as the anode, which were deposited by an electron-beam evaporator. The detailed fabrication process is shown in Extended Data Fig. 3 . Synthesis of SNO epitaxial thin films. The epitaxial SNO thin films were grown on LAO (001) by radio-frequency magnetron sputtering in an Ar/O 2 mixture at total pressure of 5 mTorr from two metallic Ni and Sm targets. The samples were sealed in a vessel under 100 bar of pure O 2 and annealed at 500 °C for 24 h in a tube furnace. Electrical and electrochemical characterization. Fuel-cell tests were performed in a custom-design fuel cell test station. The morphology of the membranes during fuel cell testing was monitored in situ under an optical microscope. Anode current was collected with a gold O-ring and a stainless-steel base, and the cathode current was collected through a micromanipulator probe with a Pt-plated tungsten tip. The electrochemical active area for fuel cell performance was defined as the area of the free-standing SNO membrane. For epitaxial thin films, the conductivity measurements were done using in-plane geometry with porous Pt electrodes. The current-voltage characteristics were measured by starting at an OCV and sweeping down to 0 V at a rate of 20 mV s −1 (or 10 mV s −1 ). Electrochemical impedance spectroscopy was scanned from 10 6 Hz to 1 Hz with an amplitude of 20 mV. All the electrochemical measurements were performed with a Solartron 1260/1287 electrochemical test setup. The impedance data were fitted using ZView software. For Pt/SNO/Pt fuel cells, either dry or moist 5% H 2 /95% Ar was flown onto the anode side. For Pt/SNO/Pd fuel cells, pure H 2 bubbled through room-temperature water was flown onto the Pd anode. In both cases, stationary air was used as the cathode oxidant. The ionic conductivity of epitaxial thin films was measured in dry 5% H 2 /95% Ar and the conductivity of suspended membranes in Pt/H-SNO/ Pt SOFCs was measured with 3% humidified 5% H 2 /95% Ar as fuel and laboratory air as oxidant.
In situ conductivity dynamics measurements were performed with a Keithley 2635A and Solartron 1260/1287 in a custom-built chamber by switching between dry 5% H 2 /95% Ar and O 2 with a fixed flow rate of 150 standard cubic centimetres per minute (sccm). Electronic transport studies below room temperature were performed in vacuum ex situ using a Lakeshore probe-station and a Keithley 2635A on samples annealed in dry 5% H 2 /95% Ar for 30 min at 200 °C. X-ray absorption spectroscopy studies. The X-ray absorption spectroscopy data were acquired at the bending magnet beamline, 12-BM-B, at the Advanced Photon Source, Argonne National Laboratory. The absorption was measured in fluorescence mode with the samples placed in a custom-made cell allowing in situ control of the atmosphere and heating of the sample. An infrared heater is used to heat the sample up to 200 °C. A 13-element Ge detector (Canberra) was used to measure the fluorescence yield. Grazing incidence geometry was used to minimize the elastic scattering intensity. The incident angle is varied from 0.25° to 5°, covering a range below and above the critical angle. The calibration of the monochrometer was monitored by simultaneously measuring the absorption of a nickel reference foil during each measurement. For ex situ XANES measurements, SNO samples annealed in dry 4% H 2 /96% Ar for 30 min at 200 °C or 300 °C. The data were normalized by fitting the pre-edge to zero and the post-edge to 1 using Ifeffit performed by the software Athena (http://cars9.uchicago.edu/ifeffit/Ifeffit). Both epitaxial SNO thin films of different thickness on LAO and polycrystalline SNO thin films on SiO 2 /Si were characterized by XANES. Synchrotron X-ray diffraction. Synchrotron X-ray diffraction of the SNO samples were conducted at an insertion device beamline, 12ID-D at the Advanced Photon Source on a six-circle Huber goniometer with an X-ray energy of 20 keV using a pixel array area detector (Dectris Pilatus 100 K). The X-ray beam had a flux of 10 12 photons per second. The q z -scan (L-scan) was obtained by removing the background scattering contributions using the two-dimensional images. For ex situ X-ray diffraction measurements, SNO samples were grown on LAO substrates and annealed in 5% H 2 /95% Ar at 300 °C for 2 h. For the real-space mapping shown in Extended Data Fig. 9d-f , an X-ray footprint of 50 μm (horizontal in Extended Data Fig. 9b ) × 500 μm (vertical in Extended Data Fig. 9b ) was used to scan across the sample, collecting the diffraction pattern from each point. SNO stability test. To test the material stability in a pure hydrogen atmosphere, we annealed SNO thin films under 1 bar of pure H 2 in a tube furnace at 500 °C for 48 h and 72 h. Pt electrodes were deposited onto SNO thin films as catalyst. The H 2 flow was set to a constant of 300 sccm. X-ray diffraction was performed on the annealed samples using a Bruker-D8 Discover diffractometer. Figure 5 | OCV of H-SNO micro-fabricated SOFCs. a, Temporal evolution of the OCV of a Pt/H-SNO/Pt micro-fabricated SOFC with a 3% humidified 5% H 2 /95% Ar as fuel and laboratory air as oxidant, as the temperature ramps up. Initially SNO is electronically conductive so the OCV is close to zero. During the hydrogenation process, the OCV continues to increase after the temperature is stabilized and reaches near-ideal OCV, indicating that electronic conduction is almost completely suppressed in H-SNO by the Mott transition. The hydrogen fuel was always supplied at a constant flow rate both before t = 0 and during the experiments, and the initial low OCV is not due to the lack of fuel. b, The ionic transference number of H-SNO at various temperatures of interest to low-temperature SOFCs measured in Pt/SNO/Pt cells. Two methods can be used to calculate the ionic transference number. In the electromotive force (E.M.F.) method, the fuel cell under the OCV condition (infinitely large external resistance load) is modelled with an equivalent circuit containing a voltage source with an output voltage of Nernst potential E N , and two resistors R ion and R e , which correspond to the electrolyte's ionic resistance and electronic resistance, respectively. The equivalent circuit is similar to the one shown in the inset, but without the R polarization element (drawn in red). V OC is the measured OCV. Note that there will be a small leakage current i leak due to the finite electronic resistance of the electrolyte, but the electromotive force method assumes that the interface processes are infinitely fast and omits the polarization loss. In the method developed by Liu et al. 15 , since there is a very small leakage electronic current flowing through the electrolyte, one needs to consider the electrode polarization loss. Therefore, an extra resistive element (R polarization ) needs to be considered in the equivalent circuit as shown in the inset (the red-coloured element corresponds to the extra term). With reduced polarization and increased electrolyte resistance, the ionic transference number calculated by the two methods tends to converge (see Supplementary Information for more discussion).
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